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NiAl formation by annealing of infiltrated
aluminium-nickel precursors
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Samples fabricated by pressure-infiltration of nickel powders with molten aluminium were heat
treated at 1200 °C under vacuum or argon isostatic pressure. Reaction and diffusion in the as-
infiltrated samples, which contained nickel, aluminium and varying amounts of Ni,Al; and
Al;Ni, resulted in the formation of NiAl as a principal phase with nickel and NizAl as minor
phases. All samples exhibited macroporosity due to the formation of an interconnected
transient liquid phase during heat treatment. Vacuum-annealed samples also showed extensive
Kirkendall porosity in the nickel phase, which was, however, pore-free in hot isostatically
pressed samples due to compaction during reaction. Concentration profiles of aluminium in
these nickel regions were measured and are in good agreement with predicted values.

1. Introduction
Reactive powder metallurgy — a class of processes
whereby a mixture of non-equilibrium powders reacts
exothermically to produce a more stable product — has
been used to synthesize bulk and reinforced nickel
aluminides (NiAl and NijAl) from preforms of ele-
mental nickel and aluminium [1-7]. While reactive
powder metallurgy is faster and potentially more eco-
nomical than the traditional processing routes (casting
of molten intermetallic or compaction of aluminide
powders), it may yield materials exhibiting residual
porosity resulting from (a) adsorbed gases released
during rapid heating of the powders, (b) voids in the
powder compact and (c) density differences between
reactants and products [8]. Further densification dur-
ing or after reactive powder metallurgy is possible by
applying external pressure on the sample [9, 10]. This,
however, complicates the process and may also induce
breakage of brittle reinforcement used in composites.
In a previous article [11], it was shown that par-
tially reacted, dense aluminium-—nickel samples can be
produced by pressure-infiltration of coarse nickel
powders with molten aluminium. Compared to pres-
sed preforms of mixed metal powders used in the
powder-metallurgy processes described above, these
dense precursors produced by infiltration offer the
advantages of reducing the porosity of the reacted
product: degassing of powders is non-existant (solving
problem (a) above), and voids in the precursors are
eliminated (solving problem (b) above). In this work,
we investigated the microstructure resulting from the
heat treatment under vacuum or argon isostatic pres-
sure of infiltrated Al-Ni precursors.

2. Experimental procedure
Two infiltrated samples were produced by pressur-
izing liquid aluminium into preforms of nickel powder
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(spherical powders 150-220 um diameter), as de-
scribed in detail elsewhere [11]. In short, isothermally-
infiltrated sample A resulted from the pressurization
{6.9 MPa, argon) of aluminium initially at 685 °C into
an evacuated preform containing 60 vol % nickel held
at the same initial temperature; sample B resulted
from the pressurization (3.6 MPa, argon) of alumi-
nium initially at 765°C into an evacuated nickel
preform containing 51 vol % nickel initially at 285 °C.
These cast precursors were cut longitudinally in
halves, one of which was examined in the as-cast
condition. The other half was further cut longitud-
inally, resulting in two specimens which were sub-
jected to one of the following heat treatments:

(i) vacuum annealing at 1200 °C for 40 min;

(ii) containerless hot isostatic pressing (HIPing) at
1200°C for 40 min under an argon pressure of
172.5 MPa. Pressurization and heating rates were
2.15MPas™! and 10°C s~ 1, respectively.

The as-cast, vacuum-annealed and HIPed samples
(designated C, V and H, respectively) were polished
and examined by optical microscopy and with an
electron microprobe (Jeol Superprobe 733), calibrated
with pure nickel and aluminium.

3. Results

Precursor A-C exhibited partially-reacted nickel
spheres, representing about 50 vol % of the sample,
surrounded with an Ni,Al; reaction zone in a porous
Al/AL;Ni matrix (Fig. 1). After HIPing, these nickel
spheres were further consumed to represent in sample
A-H about 10vol % of the initial nickel volume
(Fig. 2). A thin layer of about 5 pm of Ni;Al in contact
with nickel-rich NiAl (60 + 1 at % Ni) surrounds the
nickel cores, replacing the Ni,Al; layer found in the
as-cast specimen. The space between the original
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Figure 1 Precursor A-C with nickel spheres (N) surrounded with an
Ni,Al; layer (2) in a matrix of Al;Ni (4) containing some pores.

Figure 2 HIPed sample A-H with nickel spheres (N) in an NiA
matrix (1). Pores are visible between the spheres.

nickel spheres, which contained Al;Ni and alumi-
nium before heat treatment, is composed of pores and
nickel-poor NiAl (44 +1 at% Ni) far from the
Ni,;Al layer. Except for the microporosity described
below, the structure of the vacuum-annealed sample
A-V is similar to that of the HIPed sample A-H.

The microstructures of the non-isothermally in-
filtrated precursor B-C consisted of nickel spheres,
with two thin reaetion layers of Ni,Al; and Al;Ni
(corresponding to about 10 vol % of the initial nickel
volume) in a pore-free Al-Al;Ni eutectic matrix
(Fig. 3). After heat treatment, the microstructures of
samples B-H and B-V are qualitatively similar to
those of samples A-H and A-V, respectively; however,
the NiAl matrix of sample B-H tends to be richer in
nickel than that of sample A-H (47-64 at %). This is
within the single-phase NiAl region at the heat-treat-
ment temperature, but in the two-phase region
NiAl/Ni;Al at room temperature.

In all heat-treated samples, Ni;Al was observed
decorating NiAl grain boundaries, as the result of
precipitation induced upon cooling by a narrowing of
the NiAl field. A similar structure was reported by
Arkens et al. [12] in their HIPed samples of nickel-
coated aluminium powders.

4. Discussion

4.1. Intermetallic formation

All samples exhibit a composition closer to equilib-
rium after heat treatment: the low-melting phases
aluminium, Al;Ni and Ni,Al; were completely absent,
the main phase being NiAl, with some remnants of
non-equilibrium nickel and NijAl. This structural
evolution is qualitatively similar to that observed by
Hickl and Heckel [13] who annealed pack-aluminized
nickel specimens in argon at 1000 °C: the large Ni,Al,
layer which formed initially was consumed by a grow-
ing NiAl layer, while the thin layer of Ni;Al between

Figure 3 Precursor B-C showing nickel spheres (N) with a thin
Ni,Al; layer (2) and primary Al;Ni (4) in a matrix of Al;Ni~Al
eutectic (A).
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the NiAl and the nickel solid solution moved into the
nickel without growing appreciably.

The similar extent of reaction after heat treatment
between samples A and B, which exhibited different
degrees of nickel reaction in the as cast-condition (50
and 10 vol % respectively), is puzzling at first. Extra-
polation of data by Hickl and Heckel [13] in the
temperature range between 1000 and 1200°C shows
that the kinetics of diffusion are controlled by the flux
of atoms through the thickening NiAl layer, rather
than the thin Ni;Al layer. Therefore, as the NiAl phase
becomes thicker, the growth kinetics becomes similar,
even if the initial Ni,Al, thickness was different. This
shows that the extent of reaction of the as-cast pre-
cursors has a minor effect on the time needed to fully
~convert the samples to NiAl for the experimental
conditions used in this study.

4.2. Aluminium diffusion

The partially reacted nickel spheres in the heat-treated
samples A and B exhibit a concentration gradient of
aluminium between their surface and their centre,
where no aluminium could be detected. Fig. 4 shows,
for sample B-H, the composition profiles for two
different nickel spheres of large apparent radii (R
= 105 and 125 pm), which were intersected by the
plane of polish near an equatorial plane.

The chemical intérdiffusion coefficient, D, at
1200°C for aluminium concentrations between c
= 0.01 and 0.17 was measured by Yamamoto et al.
[14] and can be represented by

D = D,exp(8.27c¢) (1)

where Dy, = 5.6 x 10”'*m?s™! is the chemical inter-
diffusion coefficient extrapolated for ¢ = 0. This value
compares well to a value of 6.1x 107 *m?s™! at
1200°C reported in [15] for aluminium concentra-
tions between O and 0.007 and a value of 5.7
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Figure 4 Average aluminium concentration as a function of the
distance from the Ni—-Ni;Al interface measured by microprobes at
two different locations of two nickel spheres in sample B-H (error
bars correspond to one standard deviation). Curves are calculated
from Equations 2 (continuous) and 3 (dashed).
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x 107 '* m?s™ !, extrapolated from data measured
by Hickl and Heckel [13] with Ni/NizAl diffusion
couples between 870 and 1000 °C.

The present problem of spherical diffusion with a
moving interface and a concentration-dependent in-
terdiffusion coefficient can be simplified by assuming a
stationary planar interface, because Dt/R? is small for
the experimental diffusion time, ¢, of 2400 s and the
above values of sphere radius, R, and interdiffusion
coefficient. Fig. 4 shows the solution for diffusion in a
semi-infinite medium with a concentration-independ-
ent diffusion coefficient taken as D= D, =56
x 1074 m2s~?

x
¢ = cmax{l — erf[i(ljt)—lﬂJ} (2)

where x is the distance from the interface and c,,
=0.175 is the aluminium surface concentration,
taken as the solid solubility of aluminium in nickel at
1200°C [16]. This value is corroborated by STEM
profile measurements of NiAl-Ni diffusion couples
annealed at 1100°C for 15 min for which an Ni;Al
layer was formed: at the nickel side of the NizAl-Ni
interface, the solid solubility limit was indeed reached
[17]. Fig. 4 shows that experimental data at low alu-
minium concentration is in good agreement with
Equation 2.

Equation 2 with D = D, underestimates the alumi-
nium concentration for small diffusion distances and
high aluminium concentrations, because the chemical
interdiffusion coefficient given by Equation 1 increases
with aluminium concentration. A better estimate of
the concentration profile at high aluminium concen-
trations is given by the general diffusion equation in a
semi-infinite medium

5 -
N R
ot Ox Oc \ Ox

where the chemical interdiffusion coefficient is given

by Equation 1. Using the numerical scheme given by

Crank [18], we plot in Fig. 4 the solution of Equation

3 for a stationary interface with concentration equal to

Cmax = 0.175. Good agreement is found between Equa-

tion 3 and measurements at high aluminium concen-

tration.

The above diffusion solutions overestimate the ac-
tual concentration profile, because the moving inter-
face is not taken into account. As the interface with
concentration ¢,,,, moves towards the centre of the
nickel sphere which is aluminium free, the actual
composition can be expected to drop faster as a
function of the distance than calculated for the case of
a stationary interface. Other causes for error originate
from experimental conditions (temperature variations,
diffusion during heating and cooling, precision of
microprobe measurement) and physical data (uncer-
tainties in the measurement of D and its pressure-
dependence, assumed to be zero).

4.3. Porosity
The composition of the vacuum-annealed samples
shows no major difference with that of their HIPed



counterpart. However, samples A-V and B-V exhibit
extensive microporosity at the nickel interface after
vacuum heat-treatment (Fig. 5), unlike the HIPed
samples. In many cases, the pores coalesced into large
gaps, cffectively separating the nickel spheres from the
rest of the matrix (Fig. 6). This porosity can be ex-
plained based on the result of a study by Janssen and
Rieck {19] who examined planar diffusion couples in
the nickel-aluminium system. They reported that in
Al-Ni couples, aluminium atoms diffused rapidly to
form a thin layer of AI;Ni and a thick layer of Ni,Al,,
leaving pores in the aluminium. In Ni,Al;—Ni couples,
however, the nickel atoms were the mobile species:
they diffused from the nickel phase to the Ni,Al, layer
where new nickel-rich intermetallic phases were cre-
ated, while Kirkendall pores were formed in the nickel
phase. In both as-cast precursors A and B, each nickel
sphere is surrounded by a layer of Ni,Al; itself sur-
rounded by an interconnected aluminium-rich phase
(AI;Ni or Al-Al;Ni eutectic). Each nickel sphere thus
forms a diffusion couple with the matrix. Upon heat
treatment, aluminium from the aluminium-rich phase
first diffused to form a thick Ni,Al; layer. After elim-
ination of the aluminium-rich phase (resulting in large
gaps between the nickel spheres), the system can be
considered as a Ni,Al,—Ni couple. Nickel atoms from
the nickel spheres then diffused radially outwards into
the Ni,Al; layer, forming NiAl and leaving Kirkendall
pores in the nickel sphere (Fig. 7a). As the Ni—-Ni;Al
interface moved radially towards the centre of the
nickel sphere, these Kirkendall pores became part of
the intermetallic layer (Fig. 7b). When the voids
formed a continuous gap (Fig. 7c), the nickel diffusion
flow was locally interrupted. As a result, the NijAl

extensive

showing
Kirkendall porosity in the nickel (N) phase. Pores are also visible
within the NiAl (1) matrix. Some of the nickel spheres were lost
during metallographic preparation.

Figure 5 Vacuum-annealed sample A-V

Figure 6 Microprobe picture of the vacuum-annealed sample A-V
showing a nickel sphere (N) in the NiAl matrix (1). The thin NizAl
layer (3) is absent where pores (P) form an uninterrupted gap
between the nickel phase and the matrix.

layer, which was dissolving at the NiAl interface and
forming at the nickel interface, disappeared by reac-
tion with the NiAl phase. Fig. 6 illustrates this phe-
nomenon: one side of the nickel sphere is separated
from the matrix by coalesced pores and no Ni;Al layer
is visible; the other side is still in contact with the
matrix and exhibits an Ni,Al layer separating the
nickel sphere from the NiAl matrix.

A further cause for the microporosity at the
Ni/Ni;Al interface 1s the change of volume associated
with the formation of the intermetallic phases, which
are denser than the volume average of the parent
metals. The initial intermetallic layer around the
spheres forms a continuous three-dimensional skel-
eton in the sample. Owing to its rigidity, it is incapable
of shrinking to stay in contact with the nickel spheres
as the reaction proceeds and as the resulting volume
difference increases.

While Kirkendall pores within the nickel spheres
are absent in the HiPed samples, the interconnected
porosity between the initial nickel spheres is not elim-
inated by HIPing (Figs 2 and 5). This can be explained
in the following manner: as the temperature increased
during HIPing, the low-melting, aluminium-rich
phase formed an interconnected liquid phase permea-
ting a rigid skeleton of partially reacted nickel spheres.
The argon hydrostatic pressure was therefore trans-
mitted to the liquid with no macroscopic compaction
of the sample. However, both the liquid, and later the
argon replacing the liquid due to depletion by reaction
with the solid intermetallic skeleton, were capable of
compacting each individual sphere, because the
Kirkendall pores they contained were not connected
to their surfaces. Because the lack of overall
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(a)

(b} {c]

Figure 7 Schematic illustration of Kirkendall pore formation. (a) Pores are formed in the nickel as a result of nickel atoms diffusing radially
towards the NiAl layer; (b) as the interface progresses towards the centre of the sphere, the original pores are engulfed in the aluminide layers.
New pores form continuously in the nickel phase; () upon pore coalescence, the flux of nickel atoms is interrupted. The Ni;Al dissolves at this

location. This illustrates the situation shown in Fig. 6.

compaction seems to be due to the formation of an
interconnected liquid phase in contact with the hydro-
static gas, encapsulation of these precursors would
probably result in pore-free samples.

5. Conclusions
Aluminium-infiltrated nickel powder samples were
heat treated at 1200 °C in vacuum or under an argon
hydrostatic pressure of 172.5 MPa, resulting in the
formation of the equilibrium phase NiAl together with
minor amounts of nickel and Ni;Al

The aluminium concentration in the remaining
nickel phase was measured as a function of distance
from the nickel-nickel aluminide interface. The meas-
ured diffusion profile is well described by diffusion
solutions assuming a constant interdiffusion coeffi-
cient at low aluminium concentrations and large dis-
tances and a concentration-dependent coefficient at
high aluminium concentration and short distances.

Pores in the vacuum-annealed samples were formed
at two locations: (i) between the nickel regions, as a
result, of the disappearance by diffusion and reaction
of an aluminium-rich liquid phase, and (ii) within the
nickel phase, due to the Kirkendall effect. Contain-
erless hot isostatic pressing prevented the latter type of
pores, but not the former.
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